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I. INTRODUCTION
Grain boundaries and interfaces in most solids are characterized by increased ͑destabilizing͒ energy of formation, and thus represent the weak links as compared to bulk crystals. 1, 2 Only coherent interfaces with small lattice mismatch, such as twin boundaries, can reach strength approaching that of the bulk matrix but never exceed it. For example, in ductile metals where ductile fracture initiates by decohesion of high-quality particles, such as Fe 3 C and TiC in iron, experiments indicated that while interface decohesion strengths could be as high as 0.9% of the Young's modulus of Fe, they never reach the cavitation strengths of the latter. 3, 4 The only case known to us, where an interface is stronger than the bulk, is when about one-monolayer ͑1-ML͒ thick SiN x is sandwiched between slabs ͑in heterostructures͒ or nanocrystals ͑in nanocomposites͒ of a hard transition-metal nitride, such as TiN, ZrN, WN, VN, and others. First-principles theoretical calculations have shown that one 1-ML-thick Si 3 N 4 -like, 5, 6 or fcc͑NaCl͒-like 1 ML SiN layer, heteroepitaxially stabilized between TiN slabs, 7 has significantly higher decohesion 5 as well as shear 7 strength than the corresponding bulk crystal. Many experiments have shown that, in the nanocrystalline ͑nc͒-TmN / x-ray amorphous ͑a͒-Si 3 N 4 ͓Tm = Ti, W, V, ͑Al 1−x Ti x ͒N, and other transition metals͔ and in nc-TiN/a-BN nanocomposites, 8 the maximum hardness is obtained when the thickness of this layer is about 1 ML, and it strongly decreases with a further increase in that thickness. 9, 10 Also experiments on the deposition of heteroepitaxial TiN/SiN ͑Refs. 11-15͒ and ZrN/SiN heterostructures 16 revealed that maximum hardness is achieved when the SiN thickness is about 1-2 ML. Thus, the enhanced strength of the 1 ML SiN x interface should be fairly general.
Pseudomorphically stabilized fcc-SiN-like interfacial layers are present in TiN/1 ML SiN/TiN heterostructures, which were deposited by dual magnetron sputtering. This layer is formed during the deposition of SiN on several nanometer thick fcc-TiN template slab, and it collapses when its thickness increases to about Ն3 ML. [11] [12] [13] [14] [15] Although the bulk fccSiN is inherently unstable against small-amplitude phonon vibrations ͑within the harmonic approximation͒ at zero pressure in its highly symmetric fcc configuration, 17 the 1 ML ͑111͒ and ͑110͒ interfaces sandwiched between TiN slabs are stable against finite distortion of Յ3%. 18, 19 Only the 1 ML ͑001͒ interface is inherently unstable ͑see Table I in Ref. 18͒, in agreement with its dynamic instability from phonon calculation, 17 but it can be stabilized by finite distortion of about 12% in the ͓110͔ direction that lowers its symmetry and decreases its energy to a local minimum, which is stable against finite distortions ͑see Figs. 1 and 2 in Ref. 18 and the discussion below͒. Of course, the stability of the ͑111͒, ͑110͒, and of the distorted ͑001͒ interfaces against finite displacements does not assure their phonon stability with respect to other phonon vectors within the whole Brillouin zone. Such calculations would require a huge computational effort that is beyond the scope of our paper. Moreover, as we already mentioned, we focus here on the SiN interfacial layer which has been identified by Hao et al. 5, 6 to be the weakest one of all possible SiN x interfaces including the thermodynamically stable Si 3 N 4 -like ones. Because, as it will be shown, the weakening of the TiN/SiN/TiN system with SiN thickness of Ն2 ML is due to progressively increasing weakening of the neighbor Ti-N bonds, the conclusions of our present paper should apply also to the stronger and thermodynamically stable Si 3 N 4 -like interfaces.
The maximum hardness of the heterostructures is reached when the SiN interface is about 1 ML thick, and it decreases when the thickness is Ն2 ML, 11 in an analogy with the nanocomposites. However, there are some important differences between the heterostructures and the nanocomposites with randomly oriented nanocrystals. ͓The random orientation of the nanocrystals has been shown experimentally for a variety of nc-TmN / a-Si 3 N 4 and nc-TiN/a-BN nanocomposites, in particularly for the nc-TiN/ a-Si 3 N 4 by x-ray diffraction ͑XRD͒ ͑Refs. 10 and 20͒ and high-resolution transmission electron microscopy. 21 ͔ Two most important differences are: ͑a͒ in order to meet the compatibility condition, all slip systems have to shear upon plastic deformation in the nanocomposites with randomly oriented nanocrystals, whereas a single crystal will deform along the easiest slip system. This may explain why much lower hardness maximum of about 35 GPa has been achieved in the heterostructures as compared with the superhard nanocomposites. 7,9,10 ͑b͒ The heterostructures have only one crystallographic type of the SiN x interface, depending on their orientation. In contrast, many different interfaces have to coexist in the nanocomposites, including strong as well as some weaker ones, but all have to shear upon plastic deformation. 7 High-pressure XRD studies have shown that the TiN nanocrystals deform only elastically whereas the plastic deformation occurs by shear within or in the vicinity of the grain boundaries. 22 For these reasons we limit our present studies to the SiN interface, which is among the weakest ones and thermodynamically unstable under a sufficiently high nitrogen activity. 23 We concentrate on the fcc-TiN/SiN/ TiN interface because the Ti-Si-N system has been studied in much more detail than the other Tm-Si-N or Ti-B-N ones.
The enhancement of the strength of the SiN x interface is due to strengthening of the covalent Si-N bond across the interface by valence charge transfer from the TiN that has a high density of delocalized electrons at the Fermi level [5] [6] [7] and, therefore, is of metallic nature. However, the exact mechanism of the decrease in the hardness, when the thickness of that interface increases above 1 ML, has not yet been clarified. Several possible reasons for this softening were suggested but not unambiguously confirmed. We summarize them briefly.
͑1͒ Because equilibrium Si-N bonds ͑0.1764 nm͒ are much shorter than Ti-N ones ͑0.2129 nm͒, 24, 25 there is a tensile misfit stress within this interface which can be observed by XRD as lattice dilatation of the TiN nanocrystals. 26 With increasing thickness of a heteroepitaxial layer having a nonzero misfit to the substrate, the elastic strain energy proportionally increases up to a certain critical thickness, where it is energetically favorable to relax that energy by forming misfit dislocations. 27, 28 Based on the well-known equilibrium relationship between the critical thickness and misfit, it has been suggested that for the nc-TiN/ a-Si 3 N 4 nanocomposites, this mechanism may limit the thickness of the SiN x interfacial layer to about 1 ML. 28 However, one may raise two objections: ͑a͒ the formation of misfit dislocations in nanoscale systems is rarely possible. ͑b͒ The equilibrium theory, on which this correlation is based, 27 does not apply because the nanocomposites are deposited at relatively low temperature of 550-600°C, where a much thicker heteroepitaxial layer may be kinetically stabilized due to the high activation energy needed for the formation of the dislocations, as known, e.g., from the Si 1−x Ge x system. 27 ͑2͒ In the case of the fcc-TiN/SiN/TiN heterostructures ͑but not generally for the nc-TiN/ a-Si 3 N 4 nanocomposites which have higher thermal stability 9, 10 than the heterostructures 29 ͒, it may alternatively be argued that the thicker fcc-SiN layer collapses due to an inherent dynamic instability of that phase, as suggested in Ref. 17 . In our earlier paper, 18 we have studied the static stability ͑which may be related to the limit of long-wave phonons͒ of 1-ML-thick ͑111͒, ͑110͒, and ͑001͒ interfaces by imposing a distortion of 3% in different crystallographic directions and calculating the change in the total energy by means of ab initio densityfunctional theory ͑DFT͒. As shown in Table I of that paper, the ͑111͒ and the ͑110͒ interfaces are stable but the ͑001͒ is unstable against such distortion. The instability of ͑001͒ interface is in agreement with the results from dynamical stability. 17 Interestingly, as seen in Figs. 1 and 2 of that paper, the ͑001͒ interface can reach a stabilized state upon a distortion of the Si atoms in the ͓110͔ direction by about 12% where a minimum of the total energy occurs. We refer to our recent paper 18 for further details. The stabilization of a system by lowering its symmetry is well known in many crystalline solids 30, 31 and complex molecules. 32 Besides, there are examples where structures, which are dynamically unstable in bulk, can be stabilized as thin films by heteroepitaxial growth or even by the deposition on glass substrate. For example, fcc-Ni is the stable phase of nickel, but the dynamically unstable bcc-Ni, which does not exist in the nature as bulk, has been stabilized by heteroepitaxial growth on GaAs ͑001͒. 33 Furthermore, the dynamically unstable bcc-Ni has been obtained in nanocrystalline form upon severe plastic deformation by roomtemperature rolling of the stable fcc-Ni. 34 Also fcc tungsten displays dynamic phonon instability as shown by ab initio DFT calculations, 35 but it has been stabilized as thin films by deposition on a variety of substrates ͑pyrex glass, mica, NaCl͒ even at deposition temperature up to 400°C. It transformed to the stable phases only upon subsequent heating to 700°C. [36] [37] [38] These examples show that a phase, which is dynamically unstable in bulk, can be significantly stabilized as nanocrystalline material.
As it has been shown by the Linköping 11-14 and other 15 groups, the fcc-TiN/SiN/TiN heterostructures reached maximum hardness when the thickness of the fcc-SiN interfacial layer was about 1 ML, but it decreased and the fcc-SiN collapsed when its thickness exceeded several monolayers. The hardness of the nc-TmN / a-Si 3 N 4 nanocomposites reached a maximum for about 1-ML-thick Si 3 N 4 -like interface, but it strongly decreased when the thickness increased to 2 ML. Therefore, the question arises if this decrease is due to incipient electronic instability of the Ն2 ML SiN interface. Of course, a test of a dynamical stability would be helpful for the understanding of the stability of the studied interface structures. However, such a test will be quite challenging and time consuming and may not be easily accomplished with reliable precision in a reasonable time. In view of this, we would like to emphasize that the present studies are limited to only the static stability where the interface systems studied are stable provided no phonons with imaginary frequency occur within the Brillouin zone at momentum larger than zero.
͑3͒ The third possibility, which might explain the observed softening, involves electronic weakening of the TiN/1 ML SiN/TiN system with increasing thickness of the SiN interface, due either to a decreasing enhancement of the valence charge transfer to the SiN interface or to an increasing weakening of the neighboring TiN as a result of the oscillations of Ti-N bond distances and their strength, as discussed for 1 ML in Refs. 18 and 19. In this paper we shall show that the latter mechanism gives the correct explanation: The 2 ML SiN interface remains strong, but the neighbor TiN crystals are progressively weakened by these oscillations with increasing thickness of that interface to 2 ML. This finding is based on the earlier experimental results mentioned above, it should apply generally to many other TmN / SiN x systems that form superhard nanocomposites. 
II. CALCULATION METHOD
Our ab initio DFT calculations were done using the "Vienna ab initio simulation package" code 39 with the projector augmented wave method employed to describe the electronion interaction 40 and the generalized-gradient approximation for the exchange-correlation term together with the VoskoWilk-Nusair interpolation. The integration in the Brillouin zone has been done on special k points of 5 ϫ 5 ϫ 3 grids for the interface systems, determined according to the Monkhorst-Pack scheme, energy cutoff of 600 eV, and the tetrahedron method with Blöchl corrections for the chargedensity calculation, and Gaussian smearing for the stress calculations. The method of the calculation of the stress-strain response and electronic structure has been described and carefully verified in our earlier papers to which we refer the readers for further details. 24, 25, 41 III. RESULTS
A. Equilibrium interface structure
The crystallographic Miller's indices indicated for the ͑111͒ interface modeled here are, in the following text, marked with respect to the cubic unit cell of fcc͑NaCl͒-TiN. The TiN layered structure is obtained from fcc͑NaCl͒-type unit cell with ͗110͘, ͗112͘, and ͗111͘ as x, y, and z Cartesian coordinate axes to model the ͑111͒ layers. The coherent TiN/ SiN/TiN ͑111͒-type interface models with one, two, and three monolayers pseudomorphic SiN interfacial layer are constructed by replacing one, two, and three Ti layers in the middle by Si atoms. Afterward, the modeled TiN/SiN/TiN interfaces are fully relaxed to get an equilibrium stable geometry and to compare the bond length and electronic structure of the interfaces. We note that the relaxed 1 ML and 2 ML ͑111͒ interfaces are energetically stable against small displacements 18, 19 and homogeneous distortion in tension and shear as shown in Fig. 1 ͑see remark in Ref. 42͒ , because the total energy increases with increasing strain due to the increasing elastic energy. However, the total energy strongly decreases with increasing strain for the 3 ML interface ͑Fig. 1͒, thus showing its instability upon applied small strain. We do not discuss this case further here because the behavior of the 2 ML SiN interface and of the neighbor TiN is sufficient to explain the observed softening of the nanocomposites and heterostructures for interface thicker than 1 ML, which is the focus of the present paper. The relaxed atomic structures for 1 ML and 2 ML SiN interfaces are shown in Fig. 2 to illustrate the difference of the oscillations of bond lengths for the different thicknesses of the SiN layers.
The oscillations of bond lengths shown in Fig. 2 , damped with increasing distance from the SiN interface, reflect the oscillations of valence charge-density difference shown in Fig. 3 which is the result of valence charge transfer from the metallic TiN to the SiN due to a higher electronegativity of Si as compared with Ti. One notices in Fig. 2 that the Si-N bond lengths of 0.1993 nm and 0.1918 nm for one and two monolayers, respectively, ͑in the later case we refer to the bonds on the border between the 2 ML SiN interface and the TiN͒, are significantly shorter than those in bulk fcc-SiN crystal ͑0.2131 nm͒ and only slightly longer than that in stoichiometric, stable bulk hcp͑␤͒-Si 3 N 4 ͑0.1764 nm͒. 24 These bond lengths are shorter for the 2 ML interface as compared to 1 ML, thus suggesting a further stabilization of the 2 ML SiN interface. The Si-N bonds lengths in the middle of the 2 ML SiN interface of 0.2109 are longer, albeit shorter than those in bulk fcc-SiN thus indicating some decrease in the strengthening therein. However, the Ti-N bonds in the layer next to the SiN interface have the largest length of 0.2324 nm and 0.2426 nm for one and two monolayers, respectively ͑Fig. 2͒, significantly larger than that of bulk fcc-TiN of 0.2129 nm. This bond is about 5% longer for 2 ML than for 1 ML interface, which documents the enhanced weakening of this bond in the case of the thicker SiN interface as observed in experiments.
9,10 Figure 3 shows the calculated valence-charge-density difference ͑VCDD; defined as the difference between the calculated valence charge density of the crystal minus those of neutral atoms at the given lattice sites͒ for one-and twomonolayers-thick SiN ͑111͒ interfaces. One notices that the SiN interface is stabilized by negative charge transfer to nitrogen in both cases, and the VCDD is larger on Si than on Ti atoms. Interestingly, the VCDD on N atoms bonded to neighbor Ti ones is enhanced for 2 ML as compared to 1 ML interface, and the VCDD on N atoms in the middle of the 2 ML interface ͑cf. Figs. 2 and 3͒ is lower than that on the N atoms in 1 ML one. These atoms are bonded to Si only ͑cf. Fig. 2͒ . Thus, one can clearly see that although the SiN is becoming less stable for 2 ML, the pseudomorphic stabilization by the negative valence charge transfer to the N atoms within the 2 ML SiN interface next to TiN overcompensates the inherent electronic instability of bulk SiN also for the 2 ML interface.
B. Stress-strain response in tension and shear
In the following part, we shall study the behavior of the system upon decohesion ͑relevant for crack growth and brittle fracture͒ and shear ͑relevant for plastic deformation; see remark Ref. 42͒ . Figure 4 compares the stress-strain curves in tensile ͓perpendicular to the ͑111͒ interface͔ and in shear loading ͑within that interface͒ for 1 ML and 2 ML SiN interfaces. As expected, the heterostructure with 2 ML SiN interface is significantly weaker in all cases, but still stronger than the bulk because the lowest shear strength in the case of the 2 ML interface of 5 GPa ͑Fig. 4͒ is still larger than that of bulk SiN of about 3 GPa. 7, 24 Moreover, whereas all stressstrain curves of the 1 ML SiN interface show, upon the decohesion or shear instability, an abrupt decrease in the stress, their corresponding counterparts for 2 ML interface are relatively smooth. In the case of the 1 ML interface, the valence charge density remained topologically intact up to the highest stress corresponding to a normal strain of = 0.1717 and the decohesion occurred only after the instability at strain = 0.1951 ͑see Fig. 4͒ .
In order to illustrate the different decohesion behavior of the 1 ML and 2 ML interfaces in more detail, we show in Fig. 5 the atomic structures with the low values of the isosurface of VCD ͑IVCD͒ of 0.015 e / bohr 3 for several relevant tensile decohesion states as indicated in that figure ͑see Fig.  4 for the relevant stress-strain curves͒. The very small value of the VCD of 0.015 e / bohr 3 represents the situation close to the borderline when the bonds break, i.e., the corresponding isosurfaces show where the decohesion occurs. To spare space, we show only the part of the figures around the interfaces because no changes were seen within the remote TiN regions. There is not much difference in IVCD at equilibrium ͑ =0͒ between the 1 ML and 2 ML interfaces. An onset of decohesion at strain = 0.0612 is seen for 2 ML interface that is essentially completed at strain = 0.1262 because there is no overlap between the IVCD of TiN and those of the 2 ML SiN interface. However, only small changes in IVCD are found for 1 ML interface at that strain. The onset of decohesion of the 1 ML interface is seen at strain of 0.1717 just before the instability ͑maximum tensile stress, see Fig. 4͒ with IVCD contours similar to those of 2 ML interface at a strain of = 0.0612, whereas the TiN slab and 2 ML SiN interface are fully separated. After the instability, the decohesion of 1 ML SiN interface is completed thus underlining the discrete character of that decohesion, and the IVCD contours are similar for both interfaces. One notices that for both, 1-ML-and 2-ML-thick SiN interface the decohesion occurs on either side of the symmetrical interface. This is a consequence of the maintaining, during the calculation, the ideal structure of the system and perfect symmetry of the tensile load during the atomic relaxation. In a real experiment, the load will not be perfectly symmetric and any infinitesimal perturbation or even a flaw will select one side for separation, thus requiring lower energy. Figure 6 shows the VCD distribution and IVCD of the ͑111͒ interface in shear applied in the soft ͓112͔ direction at strain of ␥ = 0.0612 and ␥ = 0.1041 corresponding to the atomic arrangement just before ͓Fig. 6͑a͔͒ and after ͓Fig. 6͑b͔͒ the flip-over of the Ti-N bonds from atom N1 to N2. Clearly, the shear occurs between the Ti-N bonds weakened by the oscillations of the valence charge density ͑see Fig. 2͒ but not within the 2 ML SiN interface. In our recent paper 19 we considered the slightly stronger ͑111͓͒110͔ slip system and found that the movement of the atoms within the shearing plane occurs not in the ͓110͔ direction but in a zigzag manner in the energetically more favorable, complementary ͓112͔ and ͓211͔ directions. In the present case of the easiest ͑111͓͒112͔ slip system, the atomic movement is parallel to the applied shear stress. As in the case of the decohesion, the VCD and Si-N bond distances within the 2 ML interface remain essentially unchanged as compared with those in equilibrium at zero strain.
IV. SUMMARY
In conclusion, the results presented in this paper show that the 2-ML-thick ͑111͒ SiN interfacial layer remains strengthened by valence charge transfer, in analogy with the 1 ML of SiN and with the Si 3 N 4 one. The observed decrease in the hardness of the nc-TiN/ a-Si 3 N 4 nanocomposites and fccTiN/SiN/TiN heterostructures for the SiN x thickness larger than one monolayer is due to the increasing weakening of the Ti-N bonds attached to that interfacial layer, as result of the increase in the amplitude of oscillations of valence charge density next to that interface which is the result of a larger electronegativity of Si as compared with Ti. The other possible mechanisms, discussed in the introduction, can be ruled out. In spite of the weakening of TiN that is observed already for the 1 ML SiN interface, the overall effect results in substantial strengthening of the TiN/1 ML SiN x / TiN systems with superhardness of the nanocomposites 7,9,10 because bulk TiN is stronger than Si 3 N 4 and SiN. 5, 6, 18, 19 This is a unique case where a covalently bonded SiN x interfacial layer strengthens the system, because in all other cases known to us, interfaces and grain boundaries are weaker than their bulk counterparts. Similar conclusions are likely to apply also for the Si 3 N 4 -like interfaces studied by Hao et al. 5, 6 and to other nc-TmN / a-SiN x systems which form superhard nanocomposites. 9, 10 Thus, further and more detailed studies are demanding.
In our earlier paper we have shown that the significant enhancement of the hardness of these nanocomposites can be easily understood when considering also other interfaces that occur in these systems with randomly oriented TiN nanocrystals. 7 In a recent paper Veprek-Heijman et al. 43 provided an independent experimental verification of such a high hardness and also of the validity of the Tabor's relation used in Ref. 7 . In the present paper we limited our study only to the threefold symmetrical ͑111͒ interface because the other ones, such as ͑100͒ and ͑110͒ are much more complicated. 18 Consequently, much larger computational effort would be needed without revealing any substantially new physics.
Unlike many materials that have been recently synthesized in attempts to prepare new superhard materials ͑e.g., Refs. 44 and 45͒, the superhard nanocomposites nc-TmN / a-Si 3 N 4 with hardness of Յ50 GPa, limited only by impurities and relatively low deposition temperature that can be presently achieved in the large-scale industrial coating equipment, 46 tion coatings on tools for machining ͑drilling, turning, milling, cutting͒, forming, stamping and the like at relatively low costs, comparable to conventional hard coatings, they perform much better. In many industrial applications, tools coated with the nanocomposites enable significantly faster machining, longer lifetime of the coated tools and overall increase in the productivity at relatively low costs ͑see the recent invited review in Ref. 47͒.
